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ABSTRACT ARTICLE HISTORY

The effect of Sn micro-alloying on microstructure evolution, Received 27 July 2022

formability and precipitation behaviour of Al-Mg-Si-Cu-Zn Accepted 21 November 2022

alloys were systematically studied by experimental

techniques and theoretical calculations. Results show that ALMO-Si-Cu .
i s g-Si-Cu-Zn alloys; Sn

Sp addl.tlon can accelerat.e both the pre.apltatlon. and re- micro-alloying; GP zones;

dissolution of the Fe-rich phase during casting and precipitation kinetics

homogenising treatments, which thereby determined the

final microstructure. A significant retarding effect to natural

ageing precipitation was observed with increasing Sn

content in quenching samples, but this effect was

weakened in pre-aged samples, as explained by DSC and

simulations. The different number densities of the

strengthening phase 3”at the same artificial aging state are

mainly attributed to the changed activation energy of the

B” phase affected by the formed Sn-containing Mg-Zn

clusters and Mg-Si clusters. Trace Sn participating in the

formation of GP zones, Sn-containing MgZn, phase and

new precipitating sequences during ageing were proposed

for the first time.

KEYWORDS

1. Introduction

Al alloys have been used for car body panels for recent decades owing to their
significant advantages in corrosion resistance, strength to weight ratio, and
energy consumption compared with other automotive lightweight materials
[1]. Age-hardening behaviour is the crucial factor that makes Al alloys
special, and it is generally accepted that the precipitation sequence of 6xxx
series Al alloys (Al-Mg-Si alloys) during ageing is as follows [2]: SSSS —
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Clusters/GP zones — ”— '— B, where SSSS represents a supersaturated solid
solution, clusters/GP zones are metastable precipitates that have full coherency
with the matrix, p” phase (MgsSi¢) is the most strengthening phase, which is
coherent with the matrix and intended to be formed during bake-hardening
processing, with the main contribution to the strength, f’ phase (MgoySis) is
semi-coherent with the matrix, resulting from continuous growth/precipitation
of the p” phase, and P phase is the final equilibrium phase in Al-Mg-Si series
alloys.

In industrial generation, Al alloy plates are normally stored at room temp-
erature (RT) for some time before stamping to the final shape. Before stamping,
less precipitation and lower strength are necessary, while after stamping, a more
and finer strengthening phase is needed. However, precipitation during storage
is inevitable, and to control precipitation during natural aging (NA), pre-aging
(PA) was proposed and proven to be effective [3-5]. During the heat treatment
process, clusters/GP zones are supposed to be formed during PA, which can, on
the one hand, capture the quench-in vacancies to avoid phase formation and,
on the other hand, act as the nuclei of B” phase to enhance the bake-hardening
response in later artificial aging (AA) process [6]. Inevitably, other expected
phases will also precipitate together with clusters/GP zones, causing the hard-
ness to increase. Apart from that, the stability of clusters/GP zones during NA is
another hamper to hinder its wide application.

Micro-alloying has been a promising replacement method to inhibit natural
aging precipitation and enhance stability during storage. In recent years, Zn,
Mn, Zr, Cd, In, La, Er, Li and also other new elements/composites have been
used as micro-alloying additions to optimise the aging behaviour [7-14]. Zn
was gradually taken into Al-Mg-Si system owing to its pronounced effect on
bake hardening response [15]. Sn was first added to Al-Cu series alloys [16],
and the effect of Sn on GP zone reversion has aroused wide attention;
however, its addition to Al-Mg-Si or Al-Zn-Mg series alloys was expected to
be more complete due to the complex interactions between solute elements.

Sn has been proven to be effective in sluggish natural aging precipitates for
up to two weeks for quenched alloys even with a part-per-million addition [17]
due to its sufficient solubility in the Al matrix and optimal binding energy to
vacancies. A thermodynamic model of the retardation factor was developed
to explain the concept that Sn trapped vacancies at low temperature and
released them at elevated temperature, but no Sn-containing clusters were
detected during artificial aging. Further studies were performed [18-20] to
reveal the effect of Sn at elevated temperatures and exhibit ultrafast aging kin-
etics. Again, the researchers want to propose the theory that small Sn precipi-
tates act as heterogeneous nucleation sites for strengthening phase as was
reported in 2xxx alloys, yet no evidence was observed. However, better artificial
aging hardenability even after long-term storage (6 months) was obtained with
appropriate alloying composition and heat treatments. Sn-containing
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precipitates (p'/p”composite) were successfully observed in reference [21],
which was attributed to p” growing on the first formed B’ phase. Sn was
found to sit at the centre of precipitates; therefore, it is inferred that the precipi-
tation reaction involves the participation of Sn-containing ' (MgeSis-xSny)
with Si sites partially occupied by Sn. The initial ’ may directly nucleate at
the Sn-vacancy pairs and afterwards act as a heterogeneous nucleus for p”.
This theory was proven by direct observation via 3DAP technology and then
fully utilised to improve the ageing or hardening performance at varied
ageing conditions [22-26]. Although most studies focus on the precipitation
behaviour of the strengthening phase during the artificial ageing process at elev-
ated temperatures, Sn participating in clusters and the following influence was
barely directly detected by high-resolution techniques [25,27]. However, most
studies on the effect of Sn micro-alloying were performed by analysing the com-
position and mechanical properties, and very limited studies were focused on
the precipitation behaviour of the p” or Mg,(Si, Sn) phase [28,29]. Additionally,
less attention was given to understanding the formation mechanisms of Sn-
containing GP zones/clusters, which is also of great importance to determine
the heat treatment parameters and hence controlling the subsequent micro-
structure evolution and further greatly improve the mechanical properties.

In present work, quenched and pre-aged alloys with 0%, 0.01% and 0.03%
(weight percentage) Sn addition were designed and characterised by hardness
measurements combined with transmission electron microscopy (TEM) and
differential scanning calorimetry (DSC). In particular, thermodynamic calcu-
lations were performed to interpret the effect of Sn on precipitation beha-
viours of Al-Mg-Si-Cu-Zn alloys. Altogether, the effect of Sn on the
microstructure and properties was fully discussed by experimental and mod-
elling methods.

2. Materials and experimental methods

The chemical compositions of the Al-Mg-Si-Cu-Zn alloys are given in Table 1
and marked as B (base composition without Sn addition), B-0.01 (base compo-
sition with 0.01wt.% Sn addition), and B-0.03 (base composition with 0.03wt.%
Sn addition). A DDZP-45 intermediate frequency induction heating furnace
was used for smelting materials, and then the ingots were cast into a water-
cooled mold for solidification. Ingots were homogenised at 485°C for 3 h and
555°C for 38 h to eliminate segregation, followed by hot rolling to 6 mm

Table 1. Chemical composition of the experimental alloys (wt.%).

Alloy Al Zn Mg Si Cu Fe Mn Ti Sn
B Balance 3.0 0.9 0.7 0.2 0.4 0.5 0.02 0.00
B-0.01 Balance 3.0 0.9 0.7 0.2 0.4 0.5 0.02 0.01

B-0.03 Balance 3.0 0.9 0.7 0.2 0.4 0.5 0.02 0.03
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plates, first cold rolling to 3 mm plates, intermediate annealing at 400°C for
2.5 h, and final cold rolling to 1 mm thickness.

The final plates with a thickness of 1 mm were machined to get the desired
geometry, and a solid solution treatment was performed at 555°C for 2 min, fol-
lowed by immediate water quenching to room temperature and then pre-aging
treatment from 80°C to 40°C with a cooling rate of 0.2°C/min in a DHG9055A
type electric thermostatic drying oven.

Scanning electron microscopy (SEM) was performed using a Phenom XL-
type SEM equipped with an X-ray energy-dispersive spectrometer (EDS)
system operating at 20 kV. Transmission electron microscopy (TEM) images
of precipitates were obtained using a Tecanai G2 F20 S-TWIN operated at an
acceleration voltage of 200 kV. The specimen was prepared by standard mech-
anical grinding to a thickness of ~80 pm and then subjected to twin-jet electro-
polishing at —20°C in a mixture solution with 30% HNO; and 70% CH;OH.
High-resolution TEM (HRTEM) characterisation was performed in the
[001]4; direction. Vickers hardness measurements were performed under a
load of 200 g and holding time of 15 s using a Wolpert-402MVD microhardness
tester. Each value was obtained by averaging at least seven indentations. Mean-
while, the precipitation behaviour was analyzed by differential scanning calori-
metry (DSC) atmosphere with pure aluminium using QS2000 under an argon
as a reference. The DSC test was carried out from 20°C to 370°C at a heating
rate of 10°C/min. The tensile specimens were cut according to the requirements
in GB/T228-2002, and the tensile tests were carried out on an MTS810 electro-
hydraulic servo material testing machine with a tensile rate of 3 mm/min. The
mechanical properties of alloys in the T4P state (pre-aging sample) were tested
along three directions, i.e. 0°, 45° 90°, with respect to rolling direction. The
plastic strain ratio (r) and strain hardening exponent (n) can be calculated
from the testing data. Accordingly, the average plastic strain ratio 7 and
plane anisotropy Ar of the alloy can be described as follows:

2
5 ro + T445+ 90 (1)

-2
Ar — 1o 7’;5 + 790 )

where ry, 145, and rog are the plastic strain ratios of the alloy in the directions of
0°, 45° and 90°, respectively. Electron backscatter diffraction (EBSD) was per-
formed on a SUPRA 55 scanning electron microscope. A final polishing step
with electrolytic polishing in a solution of 5%vol perchloric acid and 95% vol
ethanol at —20°C was included for EBSD analysis. Data acquisition was per-
formed with an acceleration voltage of 20 kV, working distance of 15-20 mm
and step size of 2 um. The postprocessing was done with Channel 5 software.
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3. Results
3.1. Microstructure evolution

Figure 1 shows the SEM microstructures of the three alloys at as-cast state and
the compositional analysis of the second phase. Apparently, there are differ-
ences in the size, morphology and distribution of precipitates in the alloys.
In alloy B, as can be seen from Figure 1(a)-(c), the grain size is uniform, the
intergranular white phase is mostly rod-like (yellow arrow) and slightly net-
like (green arrow), and the intragranular gray phase is mainly spherical par-
ticles, with/without finer white particles inside. The EDS analysis results
revealed that all the white phase is detected to be the Fe-rich phase (with
varied element content), and the gray phase is the Mg-Si (Q) phase(with
varied element content). With the addition of 0.01% Sn, as shown in Figure
1(d)-(f), alloy B-0.01 has a similar grain size and uniform distribution, but
with a wider intergranular phase, a more net-like and less rod-like morphology
is observed. Q phase particles are also found within grains. With the addition of
0.03% Sn, as shown in Figure 1(g)-(i), alloy B-0.03 differs greatly in microstruc-
ture: the grain size varies from 50 um to 200 um in diameter; the intergranular
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Figure 1. SEM microstructure and EDS analysis of alloys with different contents of Sn in the as-
cast state, (a—c) alloy B, (d—f) alloy B-0.01, (g-i) alloy B-0.03.
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phase becomes much wider and coarser, changing from rod-like to wide net-
like precipitates.

To eliminate the adverse effects of inhomogeneity, i.e. micro- and intergra-
nular segregation, homogenisation was employed, aiming to optimise the mor-
phology and homogenise the distribution of the Fe-rich phase. As shown in
Figure 2, the intergranular phase partially redissolved back to the Al matrix
and partially spheroidised to zipper-like shapes (a-Fe-rich phase), remaining
discontinuous rod/net-like blocks. In comparison, the transformation rate of
the rod-shaped phase is higher than that of the net-shaped phase. The intergra-
nular phase in the base alloy is more thermally stable than that in Sn-containing
alloys; only a small rod-like phase can be redissolved, and most rod- and net-
shaped phases remain in the alloy matrix. Compared with the other two
alloys, the alloy B-0.01(Figure 1(d)-(f)) has the highest transformation or redis-
solution portion than that of the other two alloys, almost all the rod phases are
spheroidised or redissolved into the matrix, and only some net-shaped phases
remain in the alloy matrix. The alloy B-0.03 (Figure 1(g)-(i)) shows a similar
situation to the alloy B-0.01, but because of the large amount of net-like inter-
granular precipitation, alloy B-0.03 still accommodates some Fe-rich phase,

2 ©y ¢
a0 Element Atomic Weight
Symbol _ Conc. Conc.
52500 Al 8282  74.16
[ Fe 7.22 13.37
>0 Mn 357 650
%mm Si 6.39 5.96
i
1000
500
= .
® e
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_Symbol  Come.  Come.
525001 Al 73.39 61.59
E’ Fe 12.24 21.26
S si 9.15 7.99
E‘W Man 448 765
2 Zn 0.74 1.51
~ 1000
- Be oo
%=
spheroidized (l)m0 ®
s 2000 Element Atomic Weight
Symbol _ Conc. _ Conc.
52500 Al 72.93  6L.11
q Fe 11.85 20.55
20 Mn 514 878
g‘sw Si 9.41 821
H Zn 0.67 1.35
~ 1000
o Be oo
e

Figure 2. SEM Homogeneous microstructures and EDS analysis of alloys with different contents
of Sn, (a—c) alloy B, (d-f) alloy B-0.01, (g-i) alloy B-0.03.
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including the spheroidised a- Fe-rich phase and original larger size net-like
phase.

Additionally, the gray particles (Q phase) inside grains were fully dissolved
(as shown in Figure 2). EDS analysis results reveal the composition of the
remaining rod/net-like phase, which are all Fe-rich phases but with varied Fe
contents. With the addition of Sn, the precipitates in the both alloys contain
the higher contents of Fe, Mn and Si compared with the Sn-free alloy from
the detected particles. In addition, Zn is also detected in Sn-containing alloys
instead of alloy B (compare the difference in (c), (f) and (i)). Whether the differ-
ence can be generalise to the entire alloy and what’s the relation between Zn
containing Fe-rich phase and Sn-alloying, will be explained in discussion
part. It can be found that the accelerating effect of Sn is found not only in
the solidification/precipitation process but also in the homogenisation/redisso-
lution treatment.

And if the alloys are hot rolled and cold rolled by the optimised thermo-
mechanical processing, the microstructure of the alloy in the final cold
rolling state changes greatly as shown in Figure 3, together with the size distri-
bution statistics of crushed Fe-rich phase particles (the diameter represents geo-
metric mean diameter of irregular shaped particles). Five random SEM images
were selected and processed in Image Tool software, to distinguish the precipi-
tates automatically under same settings for all the images. The expected value
mean grain size (Ex), standard deviation (s), maximum grain size (max), and
detected average number of grains (N) are also shown with statistical results.
Significant differences in the amount and size of the Fe-rich phase among the

(d),q,, (©)
[ L} Bl s-0.01

Ex s max. N
8.08 345 2250 198

().

Bl B-0.03
Ex s max. N
814 448 4346 298

Ex s max. N
8.11 3.85 2257 281

g
R

Frequency
g

3
X

10%

0%
5 10 15 20 25 30 35 40 45 5 10 15 20 25 30 35 40 45 5 10 15 20 25 30 35 40 45
Diameter/um Diameter/um Diameter/um

Figure 3. SEM microstructure of alloys in the final cold rolling state, (a), (d) alloy B, (b), (e) alloy
B-0.01, (c), (f) alloy B-0.03.
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three alloys can be observed. The alloy B (Figure 3(a, d)) contains Fe-rich phase
with the sizes mostly distributed in the range of 5-10 um and no larger than
25 um in diameter. The alloy B-0.01(Figure 3(b, e)) exhibits a size distribution
similar to that of the alloy B but with less amount, which corresponds to the
higher re-dissolution portion during the homogenisation process. The alloy B-
0.03 (Figure 3(c, f)) contains the highest amount and the largest size of Fe-rich
phase, with several phase particles exceeding 40 um in diameter and much
higher standard deviation than the other two alloys, this can be attributed to
the previously undissolved large net-shaped precipitates.

For the final cold rolled alloys, if the alloys are solution treated at high temp-
erature, the recrystallisation can be occurred in them, which gives a great
influence on the formability. Figure 4 shows the IPF images and grain size

4 (b)1 “* Ex s max N

12% 13.544 8.564 59.72 2838

Percent

20 30 40 50 60
Grain diameter

Ex s max N
13.319 8.993 51.03 2837

20 30 40 50
Grain diameter

60

Ex s max N
14.131 9.301 53.42 2528

20 30 40
Grain diameter

Figure 4. IPF images and grain size statistics of alloys in the pre-aging state (a), (b) alloy B, (c),
(d) alloy B-0.01 and (e), (f) alloy B-0.03.
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statistics from EBSD scanning of pre-aged alloy samples. The expected value,
mean grain size (Ex), standard deviation (s), maximum grain size (max), and
detected number of grains (N) are also shown with statistical results. Appar-
ently, the grain size distribution does not exhibit an obvious changing tendency
with varied compositions, and all distribution peaks occur in the range of
10 um-20 pm. However, the alloy B-0.01(Figure 4(d)) has an average grain
size and standard deviation similar to those of the alloy B (Figure 4(b)). The
alloy B-0.03(Figure 4(f)) has a larger average grain size and standard deviation
but fewer grains, indicating a decreasing uniformity. Both Sn-containing alloys
show a higher percentage of grains with diameters less than 2 um, considering
the minimum grain size threshold of EBSD measurement is 2 um, so the first
column with grain size between 0 and 2 in three graphs will not be used for
strong evidence.

Figure 5 displays the texture components in the three alloys in the pre-aging
state. It has been found that typical textures in FCC structural materials, includ-
ing rolling textures, i.e. Copper, S, Brass, and recrystallisation textures, i.e.
Cube, Goss, R, P, Q [30-34], are all detected in the studied alloys. As seen
from Figure 5, recrystallisation textures are much more abundant than
rolling textures, Cube texture and P texture, and Copper texture have relative
higher volume fraction in each alloy. This is because Cube-orientation grains
can recover faster than grains in other directions during the recrystallisation
process, which makes the nucleation of Cube-orientation recrystallised grains
have a size advantage [35-37]. The P texture has a 40°<111> orientation
relationship with the rolled texture S, i.e. in the fastest growth direction. The

10 10
e B Reduced amount compared to B
—o—p-0.01 [l B-0.01

g{ —a—B-0.03 [l B-0.03 18

Volume fraction (%)
Volume fraction reduction (%)

&°

<
0\)‘02\)\06\*0 (‘9055 « ° G OOQQe

S
(2
Texture component
Figure 5. The volume fraction of texture components after pre-aging treatment of the three

alloys, and the volume fraction reduction compared to alloy B (Reduction = volume fraction
in B — volume fraction in B-0.01/0.03), only reduced fraction was displayed.
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Cubeyp texture also shows high strength, which is approximately equal to the
cube texture strength. This is because Cubeyp also has a 40°<111> orientation
relationship with the rolling texture Copper, and the rolling process provides
enough strain storage energy to fully transform the rolling texture to the recrys-
tallised texture during the solid solution process. In addition, the PSN effect of
Fe-rich phase particles is another contribution to the Cubeyp and R textures
[38-41].

Sn addition changed the volume fraction of textures in different ways. For
recrystallisation textures, the alloy B-0.01 has higher Cubeyp and R textures
but lower Goss, P and Q textures than the alloy B; the alloy B-0.03 has all recrys-
tallisation textures higher than the alloy B except Cube. For rolling textures,
both Sn-containing alloys decreased the volume fraction of Copper texture.
As reported in reference [42], both the average r and Ar values contributed
by Goss texture are the highest among all the texture components, but that
the average r and Ar values contributed by the Cube texture are the lowest.
Additionally, the r values of one single texture component are quite different
from each other in different directions, it can be easily seen that only one
texture component is not beneficial to improve the formability of Al alloys.
Thus, it would be a better way to improve the formability by weakening tex-
tures. As can be seen from Figure 5 right Y-axis, compared to alloy B, alloy
B-0.01 has weakened textures with reduced volume fraction, but alloy B-0.03
didn’t. Suggesting that the large Fe-rich phase particles in Figure 3 are not ben-
eficial to the formability.

3.2. Mechanical property characterisation

To further understand the effect of micro-alloying and the size distribution of
the Fe-rich phase on the mechanical properties, tensile tests are performed on
pre-aged samples along 0°, 45°, and 90° with respect to the rolling direction.
The engineering stress—strain curves and testing results are shown in Figure
6 and Table 2. For each alloy, the plastic strain ratio r values are relatively
higher in the 0° and 45° directions but lower in the 90° direction. Comparing
the three alloys, as shown in Figure 6(d), it seems that r in the 90° direction

Table 2. Tensile test results of T4P alloys in different directions.

Alloy Direction (°) r T /\r n n Elongation % 0y, MPa 0, MPa
B 0 0.646 0.627 —0.040 0.302 0.302 25.7 1304 285.6
45 0.647 0.300 26.1 1353 280.1
90 0.568 0.304 27.0 1354 269.3
B-0.01 0 0.668 0.641 —0.050 0300 0.302 249 130.7 280.2
45 0.666 0.304 26.8 125.5 2715
90 0.564 0.300 25.8 1241 269.7
B-0.03 0 0.608 0.586 0.004 0.309 0.315 25.1 118.8 265.9
45 0.584 0318 25.2 105.6 247.2

90 0.567 0.313 23.6 105.5 246.3
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Figure 6. Engineering stress—strain curves of (a) alloy B, (b) alloy B-0.01 and (c) alloy B-0.03, and
(d) the plastic strain ratio r value in different directions of the three alloys.

does not change with varying composition, yet there are changes in the 0° and
45° directions, which results in the alloy B-0.01 having a higher average r
value, while the alloy B-0.03 has a lower r value than the alloy
B. Increasing the alloying content of Sn shows opposite effects, which
means the mechanical properties are related not only to the chemical compo-
sition but also other factors, such as the morphology and size of the Fe-rich
phase. The strain hardening exponent n values are similar in the three tensile
directions of each alloy. The addition of 0.01% Sn had no obvious effect, and
0.03% Sn slightly improved the hardening exponent, indicating a better ability
for uniform deformation.

The most significant change caused by Sn addition is reflected in the yield
strength. Compared with the alloy B, alloy B-0.01 lowers the yield strength
by approximately 10 MPa in the 45° and 90° directions, and alloy B-0.03
further lowers the yield strength by 10 MPa in the 0° and 30 MPa in the 45°
and 90° directions. Generally, a lower yield strength is preferred because it is
beneficial to the stamping deformation of the plate.

Researchers have proven that there is a positive correlation between the r
value and limited drawing ratio (LDR) [43]. The plastic strain ratio r value
can be easily determined by tensile tests; however, the formability can be
better evaluated by LDR, which depends on both the r and n values [43,44].
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The theoretical LDR value can be obtained using the following equation:

1+7r 1+r
LDR = |exp| (2f exp (—n)) % + exp| 2n —iz_r -1 (3)

where f is the factor of drawing efficiency. When f is 0.9, the calculated LDR
value should be more accurate. Therefore, the LDR values of alloys B, B-0.01
and B-0.03 are 2.016, 2.021 and 1.996, respectively, it is observed a positive cor-
relation between r and LDR values.

Above all, after the addition of Sn, the yield strength of the alloy is signifi-
cantly reduced, although the plastic strain ratio r (anisotropy) changes in
different ways. The difference in formability between alloys is supposed to be
caused by differences in microstructures and textures. Additionally, with the
change of Sn content, the precipitation behaviour of the alloys should be also
changed greatly. Thus, in the following section, we will discuss in detail the pre-
cipitation behaviour of the three alloys in the different aging routes.

3.3. Precipitation behaviour

It can be seen from the above analysis that the addition of Sn to alloy B has
different effects on the properties. However, with Sn addition, alloys have
better forming properties, and these differences will be further revealed in
the subsequent aging process. Therefore, it is necessary to characterise the
natural aging behaviour through microhardness testing at first, the hardness
values were obtained by averaging at least seven indentations after remove a
maximum value and a minimum value, the error bars for all the hardness
measurements are 1 HV. Figure 7 shows the hardness curves during the
natural ageing process of alloys after solid solution treatment. The hardness
change is very different at the first ten hours, as shown in Figure 7(b). The
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Figure 7. Microhardeness curves of (a) solution-treated alloys during the natural aging process
microhardness change in 8 months (6000 h), inserted with enlarged 15 days hardness change
and (b) enlarged curves in the first 10 h.
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hardness of the alloy B increases rapidly from 60 HV to 85 HV within 10 h after
solid solution. In contrast, the hardness of alloy B-0.01 increased slowly, from
55 HV to approximately 70 HV within 10 h; with increasing Sn content, the
hardness of alloy B-0.03 only increased from 55 HV to approximately 65 HV
within 10 h. With the extension of the natural aging time, as shown in Figure
7(a), the hardness of the two Sn-containing alloys gradually increased and
reached the same hardness level as the alloy B at approximately 200 h, indicat-
ing that Sn effectively inhibited the natural aging precipitation, and the more Sn
addition there was, the more significant the inhibitory effect.

Although without pre-aging, Sn-containing alloys exhibit better natural
aging stability than alloy B. Nevertheless, pre-aging is the most important/
only method to inhibit aging precipitation after solid solution treatment. It is
necessary to study whether Sn can play a similar role in pre-aged alloys. As
shown in Figure 8, after solid solution treatment, alloys are subjected to pre-
aging treatment followed by natural aging. As shown in Figure 8(b), the hard-
ness value of alloy B-0.03 is the lowest immediately after pre-aging, only 70 HV,
while the hardness values of the alloy B-0.01 and alloy B are both approximately
76 HV. After natural aging for 150 h, the hardness value of both Sn-containing
alloys increases to more than 75 HV and exceeded that of the hardness alloy
B. With the further increase of the natural aging time, the hardness value of
the alloy continues to increase, in Figure 8(a), the hardness of the alloy B-
0.01 is the highest, while that of the alloy B-0.03 is not much different from
that of the alloy B.

It can be seen from the hardness curve that after applying the pre-aging treat-
ment, the inhibitory effect of Sn on natural aging was no longer significant.
According to the thermodynamic behaviour, the formation energy of Mg,Sn
is 167.3 kJ/mol, while that of Mg,Si is 76.7 kJ/mol, meaning that Mg,Sn is
easier to form and more stable. Therefore, the possible reason is that Sn and
Mg react with each other during the pre-aging process, resulting in the loss
of pinning vacancies during the subsequent natural aging. The remaining
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Figure 8. Microhardeness curves of pre-aged alloys during the natural aging process. (a) micro-
hardness change in 3 months (2400 h) and (b) enlarged curves in the first 15 days (360 h).
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vacancies may interact with the solute elements Mg, Si, Zn, etc., and continue to
precipitate fine solute clusters, thereby reducing the stability against natural
aging.

Through the analysis of the aging hardness curve, it was initially found that
the addition of Sn affects the natural aging stability of alloys. Through tensile
tests, it is found that the addition of Sn improves the forming performance
of alloys. To further study the influence of Sn on the precipitation behaviour,
DSC analysis was used to study the precipitation behaviour and precipitation
kinetics of the alloy samples that were naturally placed for different times
after pre-aging. The DSC curves are shown in Figure 9. Generally, during the
heating process, when the aluminium alloy undergoes a phase transformation,
the change in heat flow will appear in the DSC curves [42-45]. The exothermic
peak at approximately 250°C corresponds to the precipitation of acicular p”
phase; the exothermic peak at approximately 295°C to 300°C corresponds to
the precipitation of p’ and Q' phases. As the " and Q' phases coarsen, the hard-
ness of the alloy decreases.

Figure 9 shows that there are two obvious exothermic peaks, which appear at
approximately 240°C and 270°C, corresponding to the precipitation of the p”
phase and B’ + Q" phases, respectively. In addition, there is also one endother-
mic peak at approximately 120°C, representing the re-dissolution of GP zones
or clusters that formed during the aging process. For alloys without natural
aging after pre-aging (Figure 9(a)), the B” peak area of the alloy B-0.03 is
much larger than that of the other two alloys. There was no significant differ-
ence between the peak area of the alloys B-0.01 and B, indicating that most of
the B” phase precipitated in the alloy B-0.03, and the alloy B-0.01 had the least
precipitated p” phase. After 5 months of natural aging, as shown in Figure 9(b),
the p” phase precipitation peak area of the alloy B-0.03 is still the largest, and
that of the alloy B-0.01 is the smallest, but compared with that in Figure 9(a),
the precipitation peak area decreases slightly. Moreover, the area of the
endothermic peak is larger than that of the samples without natural aging, indi-
cating the occurrence of precipitation during natural aging.
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Figure 9. DSC results of pre-aged alloys after natural aging for (a) 0 days and (b) 5 months.
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To better compare the difference in precipitation behaviour accurately, the
Avrami-Johnson-Mehl model [45,46] was employed to calculate the precipi-
tation activation energy Q and the rate constant k, of the p” phase base d on
experimental results. The temperature range relating to half peak of p” phase
(starting point of the peak to the highest point of the peak) was considered
into analytical equation. The calculation process is shown in Figures 10 and 11.

Figure 10(a) shows that the p” phase precipitation of the alloy B begins the
earliest, that of the alloys B-0.01 and B-0.03 starts later and ends later, and that
of the alloy B-0.01 has a lower volume fraction. Figure 10(b) shows the slope n is
approximately 2 after linear fitting. Figure 10(c) shows the calculated activation
energies of the p” phase in alloys B, B-0.01 and B-0.03, which are 81.9, 67.1, and
76.9 kJ/mol, respectively. The lower the activation energy is, the easier it is to
precipitate, indicating that the bake hardening response of the alloy B-0.01 is
much faster than that of the other two alloys. Accordingly, the kinetics
equations are obtained, as shown in Table 3.

Similarly, calculations and analyses are applied to the three alloys after
natural aging for 5 months. Figure 11(a) shows that the f” phase begins to pre-
cipitate in the alloy B at the earliest stage. Alloys B-0.01 and B-0.03 precipitation
starts later and ends later, and the alloy B-0.01 has the lowest f” phase volume
fraction. Figure 11(b) shows the slopes of the Inln(1/(1-Y))-Int curves, where n
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Figure 10. Calculation procedure of f” phase activation energy for alloys B, B-0.01 and B-0.03

after pre-aging (a)Y-T curves of B” phase fraction with temperature, (b) InIn(1/(1-Y))-Int curves

for n fitting, (c) [(dY/dT)*@/f(Y)]-1/T curves for calculation slope Q, (d) Y-t curves of B’ phase
fraction with time.
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Figure 11. Calculation procedure of f” phase activation energy for alloys B, B-0.01 and B-0.03
after pre-aging and natural aging for 5 months (a)Y-T curves of f” phase fraction with temp-
erature, (b) InIn(1/(1-Y))-Int curves for n fitting, (c) [(dY/dT)*@/f(Y)]-1/T curves for calculation
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is also approximately 2 after linear fitting. The calculated activation energies in
Figure 11(c) of alloys B, B-0.01 and B-0.03 are 73.7, 90.8 and 82.0 k]J/mol,
respectively, which means that the alloy B still has a better bake hardening
response after long-term natural aging. Hence, the improvement of pre-aged
alloy properties by Sn microalloying is no longer obvious after 5 months of
natural aging (Table 4).

In summary, the results after natural aging for 0 days show that the alloy B-0.03
has the most precipitated p” phases and the strongest hardening ability; the alloy
B-0.01 has a better bake hardening response. The results after natural aging for 5
months show that the pre-aged alloy B has the best bake hardening response, and
both Sn-containing alloys have poorer bake hardening ability. Apparently, Sn
effectively improves the hardening ability within a short natural aging period,
but the advantage disappears after long-term natural aging.

Table 3. Activation energy and kinetics equation of B” after pre-aging and natural aging for 0
days.

Alloy Q (kJ/mol) ko (min~") Kinetics equation

B 81.9 7.02x 107 Y = 1-exp[-(7.02 x 107exp(—9.85/T)t)?]
B-0.01 67.1 231%10° Y = 1-exp[-(2.31 x 10° exp(—8.08/T)t)?]
B-0.03 76.9 2.03x 107 Y = 1-exp[-(2.03 x 107 exp(=9.25/T)t)]
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Table 4. Activation energy and kinetics equation of B” after pre-aging and natural aging for 5
months.

Alloy Q (kJ/mol) ko (min~") Kinetics equation

B 73.7 1.02x 10 Y = 1-exp[-(1.02 x 10”exp(—8.87/T)t)]
B-0.01 90.8 4.40%10® Y = 1-exp[-(4.40 x 10® exp(—10.93/T)t)?]
B-0.03 82.0 6.82x 107 Y = 1-exp[-(6.82 x 107 exp(—9.87/T)t)]

To further verify the above mentioned DSC test results, alloys after the same
solid solution and pre-aging treatments were naturally aged for 0 days and 5
months and then subjected to artificial ageing at 185 °C. The microhardness
curves of alloys B, B-0.01 and B-0.03 are shown in Figure 12. For samples after
natural aging for 0 days, in Figure 12(a), the three alloys exhibit the same hardness
change trend but a slight difference in hardness values. During the first 120 min,
the hardness value of the three alloys increases rapidly, reaching a peak hardness at
120 min of approximately 120 HV, and then the hardness fluctuated steadily. The
hardness reaches the second peak at 1200 min and then drops significantly. The
initial hardness of the alloys B-0.01 and B-0.03 is the lowest, approximately 75
HYV, while that of the alloy B is slightly higher. The inserted graph shows that
the hardness of the alloy B-0.01 grows with the fastest rate, i.e. the highest bake
hardening response, corresponding to the obtained activation energy results as
shown above. For samples after natural aging for 5 months, in Figure 12(b), the
hardness value of alloys B and B-0.01 are more or less the same, alloy B-0.03 is
the lowest among them, approximately 92HV, indicating that natural aging
causes the hardening, but with the increase of Sn content, the inhibitory effect
on natural aging hardening is more significant. Within the first 50 min at 185°
C, the hardness values of the three alloys constantly decrease due to the redissolu-
tion of GP zones or clusters that form during natural aging. As the baking time
increases, the strengthening phase is precipitated again, and the hardness begins
to rise until reaching the peak value, which is approximately 120 HV for the
base alloy and 110 HV for Sn-containing alloys. Different from (a), there is only
one hardness peak, after which it will drop continually.
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Figure 12. Hardness changes of alloys aged at 185°C after natural aging for (a) 0 days and (b) 5
months.
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To determine the reasons behind the hardness variation, precipitates in the
peak aging states (aged for approximately 2 h at 185°C) of the base alloy B and
alloy B-0.03 were characterised by HRTEM, fast Fourier transformation (FFT)
and diffraction spot simulation. As shown in Figure 13, in the peak-aged alloy
matrix, there are uniformly distributed dot-like and needle-like precipitates.
The dot-like morphology is the cross-section of the plug-in variant of the B”
phase, and the needle-like morphology is the flat variant of the p” phase.
There are great differences in the morphology, size and density of the strength-
ening phase for alloys in different states. For alloys with 0 days of natural aging,
the size of the " phase in alloy B is shown in Figure 13(a), which has a thicker
and longer morphology than that in alloy B-0.03 as shown in Figure 13(d), the
cross-sectional diameter of the " phase is >4 nm, and the orientation relation-
ship with the matrix is [0-10]B"//[001];, (601)B"//(200)4;, (—403)B"//(020) 43
While the cross-sectional diameter of the f” phase in alloy B-0.03 is approxi-
mately 3-4 nm, the amount of B” phase are similar in the two alloys (approximate
37+5 in the view of current 10 nm scale bar image size), and its orientation
relationship with the matrix is [010]B"//[001]4;, (601)p"//(200),;, and (40-
3)B"//(020)4), it shows that the addition of Sn element inhibits the growth of
B” phase at the peak aging state. After 5 months of natural aging, the strengthen-
ing phases in the matrix of the alloy B and alloy B-0.03 are much less than those
in the natural aging for 0 days, only 25+ 5 in the view of current image were
observed. The needle-shaped B” phase became thinner, and the cross-sectional
diameter was approximately 2-3 nm. However, the 3" phase in the alloy B as
shown in Figure 13(g) is slightly larger than that in alloy B-0.03 as shown in
Figure 13(j). The orientation relationship between the inserted p” phase in
alloy B and the matrix is [010]4///[001],), (-403)g///(200) a1, (601)3://(020) a1
The orientation relationship between the inserted f” phase in alloy B-0.03 and
the matrix is [0-10]g://[001] 51, (601)g//(200) a1, (-403)g//(020) 1.

Above all, regardless of whether the alloys were naturally aged for 0 days or 5
months after the pre-aging treatment, the strengthening phase in the matrix
was mainly the B” phase. The number density of the f” phase in the alloys B
and B-0.03 in the same state are also similar, but the size is slightly different,
which results in the alloy having no obvious difference in the hardness
plateau area during artificial aging. However, after natural aging for 5
months, the size of the B” phase in alloy B is relatively coarse, resulting in a
higher hardness value.

4. Discussion
4.1. Effect of Sn on phase precipitation

The phase diagram with Sn variation was calculated by Thermo-Calc 2021a
with the TTAL7 database and MALDEMO for kinetic calculations. The red
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Figure 13. The HRTEM morphology and precipitated phase characterisation at the peak-
aged state of alloys after natural aging for 0 day and 5 months: (a—c) alloy B natural
aging 0 day+185°C 2h, (d-f) alloy B-0.03 natural aging for 0 day+185°C 2 h, (g-i)
alloy B natural aging for 5 months+185°C 2 h, (j-I) alloy B-0.03 natural aging for 5
months + 185°C 2 h.

lines represent two Sn-containing alloys B-0.01 and B-0.03, the Y axis rep-
resents the base alloy B, and the red boxes highlight the phase that varied
with chemical composition or temperature.
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As shown in Figure 14, with increasing Sn content, the phase field ‘ALPHA
+ FCC_A1 + MG2ST’ within 300-550°C was reduced, but the following phase
field ‘ALPHA + FCC_A1l + MG2SI + MG2X_C1’ within 230-300°C  was
enlarged. Sn addition improves the precipitation temperature of the
MG2X_C1 phase (which is suggested to be Mg,Sn by composition) from
approximately 220 to 320°C. At approximately 220°C, the precipitation of
MgZn,, black line, was lowered by increasing Sn content, which is divided
into two phase fields but with the same constituents ‘AL2CU + AL3M_D022
+ ALPHA + FCC_A1 + MG2SI + MG2X_C1’, where the AL3M_D022 phase
was an Fe-rich phase. The upper phase field remains tiny to the Y-axis,
which can be concluded to be a small fraction of the Fe-rich a phase (particles
in the Q phase) that increased with Sn addition.

The pre-formed Mg,Sn phase (MG2X_C1 in Figure 14) in Sn-containing
alloys B-0.01 and B-0.03, will act as nuclei sites for Fe-rich phase and thereby
accelerating the precipitation and growth of Fe-rich phase. As observed in
Figure 1, the Fe-rich phase in alloy B-0.03 is larger in size (net-like shape)
than that in alloy B-0.01 and alloy B. The difference in Fe-rich phase (as Al
matrix grain boundaries) further caused different grain size of Al matrix in
the three alloys.

Figure 15 also assists in explaining the effect of Sn on Mg- phase formation in
the Sn-containing system. According to the standard molar enthalpy of for-
mation, Mg,Si is more easily formed at temperatures higher than 300°C, and
Mg,Sn is more easily formed at temperatures lower than 300°C. Therefore,
unlike conventional Al-Mg-Si systems, Sn-containing alloys also have a
Mg,Sn phase, which competes with Si and consumes Mg atoms. The ratio
among Mg, Si and Sn is essential to the system stability, hardness tendency

700
SILICON
LIQUID#2
600 — AL3M_D022
— ALPHA
. FCC_A1
- ALPHA*FCC_A1+MG2S| | _ wemo
) — MG2X_C1
!1,5) 400 — AL5CU2MG8BSIE [
2 | a2
2 300 —AlPHhsrCC A1+MGZS"- =
E _
(]
}—-

2001 ALZCU+AL3M_D022+ALPHA+FCC_A1+MG2SI+MG2X_C1

100

0
000 001 002 003 004 005 006 007 008 009 0.10

Mass percent Sn

Figure 14. Phase diagram of studied alloys versus mass percent of Sn content.
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and precipitation. For example, the lower hardness value of Sn-containing
alloys shown in Figure 7 can be explained by (a) Sn trapping vacancies to
avoid precipitates and (b) Sn-containing precipitates having lower hardness
values. However, all reasons contribute to a general lower energy and hence
stabilise the system.

Basically, the phase diagram conveys rough information on the phase pre-
cipitation/transformation sequence. In terms of our specific chemical compo-
sition, the Fe-rich phase in the calculation and SEM experimental results can
correspond well.

4.2. Effect of Sn on formation of GP zones

Since a strong effect of Sn on the natural ageing resistance was observed in the
hardness measurements of Figures 7 and 8, the effect of Sn on the quenching
state was explained in the last section and study, which concluded that the
Sn atoms trapped vacancies at low temperatures and released vacancies at
higher temperatures; hence, a lower hardness value can be obtained during
NA after solid solution and quenching. The same reason was also applied to
our hardness tendency in Figure 7. However, the PA alloys in Figure 8 have
different situations than quenched alloys, and a relatively higher hardness
value was measured after PA treatment, which is believed to be related to the
formation of GP zones. Therefore, the formation temperature and precipitating
fraction of GP zones were theoretically calculated by Thermo-Calc. During the
calculation, we assume that the GP zones have an FCC structure and remove
the stable FCC phase (matrix phase) from the system. Then, the remaining
metastable FCC structure was fixed from the coherence matrix and allowed
us to evaluate the precipitation behaviour. The calculation results are shown
in Figure 16.
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Figure 15. Standard enthalpy of reaction forming Mg,Si and Mg,Sn in the B-0.03 system.
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Figure 16. Precipitation temperature and precipitating fraction of GP zones versus Sn content.

The black line shows that the formation temperature of the GP zones is
increased with Sn addition; 0.01% Sn lifts the formation temperature by 70°
C, while 0.03% Sn lifts the formation temperature by 100°C. The higher the for-
mation temperature is, the greater the degree of undercooling, the greater the
driving force for precipitation. A theoretically higher hardness value relating
to more GP zones is expected, but we also need to take the chemical compo-
sitions into account.

The expected fraction of GP zones after PA treatment is also shown as red
and blue lines. At 80 °C (red line), at the beginning of PA treatment, the
alloy B-0.03 contained more GP, the alloy B-0.01 contained less GP and the
alloy B contained the least GP. However, with temperature cooling down, the
fraction at 40°C (blue line), at the end of PA treatment, did not show much
difference. In the final PA microstructure, the fractions of GP zones are
similar in the three alloys, but the morphology, structure, and chemical compo-
sition are different. A relatively larger size of GP zones in Sn-containing alloys
can be assumed, while alloy B precipitates small GP zones with relatively higher
number density. The explanations for Figure 7 are as follows: (a) the formation
of GP zones after PA causes a higher hardness than the quenched state in Figure
7, (b) Sn participates in forming GP zones that are softer, B-0.03 has the lowest
hardness, and (c) the larger size offsets the drawback of Sn being softer in the
alloy B-0.01.

To further understand the difference in GP zones in the three alloys, the
composition of the GP zones was also calculated. As shown in Table 5 and
Figure 17, Zn and Mg are dominant elements that account for approximately
60% and 40%, respectively. Different from conventional alloy systems and tra-
ditional Mg-Si clusters, Zn participates most in our studied alloys. The
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remaining elements Cu, Al, Si and Sn together only account for approximately
1% of the mole fraction. To obtain a visible view of alloying elements, Figure 17
plots the minor chemical composition, excluding dominant Zn and Mg
elements. At 80°C, precipitates contain more Al than Cu and others. At 40°
C, Cu was much higher than the rest, indicating continuous Cu diffusion
into precipitates during PA treatment. Si did not change much with alloys or
temperatures. Sn was expected to be more in the alloy B-0.03 at 80°C and
then gradually lowered the ratio to half at the end of the PA process. Same ten-
dency of Sn in alloy B-0.01 was expected.

Above all, after the pre-aging treatment, most Sn participates in precipi-
tation, and the low hardness value of Sn-containing alloys can be mainly attrib-
uted to the Sn-containing soft precipitates rather than Sn-free precipitates. The
continuous growth of precipitates during natural aging caused the hardness to
increase, as shown in Figure 8. The alloy B-0.01 increased most compared with
the other two alloys: the alloy B with stable Sn-free precipitates and the alloy B-
0.03 with relatively large but soft precipitates.

4.3. Effect of Sn on precipitation behavior during aging

As discussed above, the effect of PA treatment and Sn micro-alloying on GP
zones was evaluated; then, during the following aging process, GP zones are
crucial for forming hardening phase B”. Conventional studies believe that p”
can directly grow from existing GP zones. However, in our study, the GP
zones are expected to have a MgZn, structure instead of Mg-Si clusters, so
the chemical composition and the stability of GP zones are the main reasons
for the difference in activation energy of the p” phase measured by DSC in
Figures 9 and 10 and Table 3. To form a Mg-Si-based B” phase, Si atoms
need to join MgZn,, while at the same time excluding Zn atoms gradually,
Sn plays a significant role in MgZn, collapse.

At a p” forming temperature higher than 200°C, Mg-Si then takes over the
main role from Mg-Sn according to enthalpy in Figure 15. Therefore, the GP
zones in Sn-containing alloys would induce Si atoms to first and more easily
transfer to Mg-Si-(Zn) clusters. Alloy B-0.01 finished most quickly and then
left nucleation sites for the " phase for the less Sn-containing alloy, followed
by the alloy B-0.03, but probably left more Sn-vanishing sites and hence

Table 5. Chemical composition of GP zones calculated by Thermal-Calc (mole fraction, %).

Alloy Zn Mg Cu Al Si Sn

B (80°C) 59.849 38.166 0.787 1.173 0.026 0

B (40°C) 58.267 39.671 1.040 0.644 0.018 0

B-0.01 (80°C) 59.691 38.052 0.787 1.149 0.025 0.296

B-0.01 (40°C) 58.541 39.608 1.040 0.637 0.018 0.156

B-0.03 (80°C) 59.382 37.830 0.788 1.104 0.024 0.871
(40°Q)

B-0.03 (40°C 58.370 39.483 1.041 0.622 0.017 0.467
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Figure 17. Chemical composition of GP zones in different alloys and at different temperatures.

more " phase, as shown in Figure 9, the larger p” peak area, and at the last alloy
B, which only counted on the diffusion of Si and Zn. Therefore, the least active
energy was observed in the alloy B-0.01, followed by the alloys B-0.03 and B. It
should also be noted that the rate parameter k, varied with alloys; the slowest
rate parameter in B-0.01 can be attributed to fewer nucleation sites, the faster
rate in B-0.03 to more nucleation sites, and the fastest rate in B to the later start-
ing storage energy caused by the temperature increase.

Additionally, the growing process of p” explained above can be observed in
hardness change during artificial aging process in Figure 12(a), within the first
hundred h, the hardness of B-0.01 are the highest, alloys B and B-0.03 are lower
and more or less the same, after reaching peak hardness, three alloys are tangled
and have similar values but look further B-0.01 can be seen as the lower
position.

The DSC results of PA-treated samples after NA for 5 months show a large
discrepancy in changing tendency, as shown in Figures 9 and 11 and Table 4.
The lowest activation energy of the p” phase was detected in the alloy B,
which was even easier to precipitate than that in the NA 0 d sample. The
highest was in alloy B-0.01, B-0.03 in the middle. Compared with the activation
energy in Table 3, alloy B decreased, alloy B-0.01 increased considerably, and
alloy B-0.03 also increased slightly. However, Figure 8 shows that the hardness
during NA for 5 months all increased, with contributions of approximately 15,
20, and 20 HV from precipitates during the NA process. Figure 12(b) shows a
decrease in hardness at 185°C within the first hour, which corresponds to the
dissolution of precipitates. After precipitate dissolution, the hardness
dropped to 85 +5 HV, which was still higher than the initial value in Figure
8. Therefore, there is a stable phase formed during NA, which causes a
general hardness increase of 5-10 HV for all 3 alloys; in other words, the Sn-
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containing/free Mg-Zn structures have already been changed/replaced by Mg-
Si clusters/phase (TEM detected only the 3" phase with no other strengthening
phase [15]), and Sn also precipitates in a more stable format, which is why
Figure 9(a) shows an endothermic area at approximately 200°C but Figure 9
(b) is much flatter for alloys B and B-0.01.

As shown in Figure 18(a), the standard formation molar enthalpy of MgZn,
is positive, which means that the reaction of forming MgZn, structures is
endothermic (and this phase is not very stable). The exothermic area at
approximately 200°C in Figure 9(a) can be attributed to the decomposition
of the MgZn, structure. Considering the diffusion coefficient of Zn and Si in
alloys, as shown in Figure 18(b), during the long NA process, once the
MgZn, structure starts decomposing, Si or Sn will immediately diffuse to
occupy and combine with Mg without the MgZn, dissolution process,
making B” phase formation easier (lower energy) in the alloy B. Due to the
high chance that the MgZn, structure did not decompose during the NA
process due to the precipitation temperature contribution from Sn, an exother-
mic area would still exist in the alloy B-0.03. For the alloy B-0.01 in the middle,
both situations coexisted, and the Mg-Zn-(Sn) and Mg-Si structures worked
together, contributing to the highest hardness in Figure 8. Due to the stable
phase formation, related elements were consumed, B-0.01 would need the
most energy for B phase formation, the consuming elements also cause less
B” phase at 185°C and lower hardness value in alloys B-0.01 and B-0.03 in
Figure 12(b).

Another difference between the artificial aging hardness changes of the
samples with NA-0 and NA-5 months is the presence of a hardness plateau.
Based on the above precipitate/element analysis, the reason for the plateau in
Figure 12(a) can be thought of as a continuous formation process of f” and con-
tinuous transformation to the (Q'+ p’) phase. The peak overlap in the DSC
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Figure 18. Thermo-dynamic calculation of Mg, Si, Zn behaviours in studied alloy systems (a)
Standard molar formation enthalpy of MgZn, (b) Tracer diffusion coefficient of Si and Zn in
the alloy matrix. Note: the content of Sn won't affect the behaviours of other elements in
our calculation.
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curve can explain this dynamic hardness balance in the plateau. In Figure 12(b),
the plateau changes to a slow tendency, and apparently, the continuous trans-
formation to the (Q + ) phase over the amount of B” formed due to the
element consumption of NA and forming a stable phase.

Accordingly, the formation of a stable phase during the NA process makes
the system more stable from both the energy and element sides. Therefore,
the activation energy of the p” phase in Sn-containing alloys is much higher.
In contrast, alloy B has a lowered forming energy of p” phase, and it can be con-
cluded that all precipitates/phases formed during NA are Sn-free and uniform
Mg-Si clusters that can act as nucleation sites for the B” phase. In this case, the
Ko parameter cannot be used as an evaluation criteria due to systemic
limitations.

5. Conclusions

(1) The addition of Sn can accelerate the precipitation and growth of the inter-
granular phase in the as-cast state, resulting in a large net-shaped Fe-rich
phase that more easily formed in Sn-containing alloys; Sn also accelerates
the redissolution and spherodiation of the Fe-rich phase during homogen-
isation treatment, resulting in a more rod-shaped phase spherodised to par-
ticles (a) in Sn-containing alloys. Taking both opposite acceleration effects
into account, the alloy B-0.01 contains the least Fe-rich phase for the (rod
shaped) precipitation effect < redissolution effect, while the alloy B-0.03
contains the most/largest Fe-rich phase for the(net shaped) precipitation
effect > redissolution effect.

(2) The difference in the distribution of Fe-rich phase particles further causes
differences in texture components and mechanical properties. Although
the content of Sn led to microstructures that evolved in discrepant direc-
tions, both the alloys B-0.01 and B-0.03 weakened textures to different
extent, accordingly improving the formability by reducing the yield
strength, which can be attributed to the combined size effect of spheroi-
dised and crushed Fe-rich phase particles.

(3) For solution-treated samples, Sn-containing alloys show better natural
aging stability than the alloy B, and the alloy B-0.03 shows better stability
than the alloy B-0.01. For pre-aged samples, Sn-containing alloys show
lower hardness in a short time; after 2 h, the hardness rises faster than
that of the base alloy B.

(4) The DSC analysis results, together with thermodynamic simulations,
explain the reason behind the hardness change. Sn addition affected the
precipitation temperature/behaviour of GP zones and further affected the
precipitation behaviour during aging, as a result affecting the precipitation
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of the f” phase. The B” phase, proven by TEM observation, is still the main
strengthening phase of bake hardening.

(5) Based on all experimental results and thermo-dynamic discussions, a new
precipitating sequence during aging after PA treatment was proposed in
the studied alloys, B: GP zones (MgZn, structure) —MgZn, decompo-
sition + Mg-Si formation —f”; B-0.01: GP zones (MgZn,Sn structure)
—MgZn,Sn growth less+ Mg-Si formation —f”; B-0.03: GP zones
(MgZn,Sn structure) —MgZn,Sn growth more — MgZn, decomposition
+ Mg-Si formation —f"; after forming B”, the sequence is changed as —
(new B” + transformed B’ + Q') for PA samples, and — (transformed p’ +
Q') for PA + NA samples.
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